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Metallographic and fractographic studies of crack growth in nickel polycrystals and single 
crystals in a number of environments are described. "Brittle" intercrystalline and transcrystal- 
line cleavage-like fractures were observed for specimens tested in liquid mercury, liquid lith- 
ium, liquid sodium, gaseous hydrogen, and for hydrogen-charged specimens tested in air. 
"Brittle" fractures were associated with considerable slip, and dimples/tear ridges were observed 
on fracture surfaces, suggesting that crack growth occurred by localized plastic flow. There 
were remarkable similarities between adsorption-induced liquid-metal embrittlement and 
hydrogen-assisted cracking which, along with other observations, suggested that adsorbed 
hydrogen at crack tips was responsible for hydrogen-assisted cracking. It is concluded that 
adsorbed atoms weaken interatomic bonds at crack tips thereby facilitating the nucleation of 
dislocations and promoting crack growth by localized plastic flow. 

1. Introduct ion 
The fracture resistance of nickel and its alloys is gener- 
ally decreased by the presence of hydrogen. Further- 
more, changes in fracture mode from ductile dimpled 
fractures in inert environments to brittle intercrystal- 
line or transcrystalline cleavage-like fractures in hydro- 
gen environments are often observed [1-6]. The 

• material and testing conditions, e.g. microstructure, 
hydrogen pressure (or content), temperature, and 
strain rate determine the degree of embrittlement and 
the fracture mode. 

Plastic flow in nickel can also be affected by the 
presence of hydrogen - serrated yielding and harden- 
ing have been observed in some circumstances [7-11] 
while softening has been observed in others [12, 13]. In 
other words, dislocation motion can be either 
inhibited or promoted by the presence of hydrogen 
depending on the experimental conditions; increased 
dislocation activity due to hydrogen has been directly 
observed in thin foils using high-voltage electron 
microscopy [13]. However, hydrogen-charged and 
uncharged specimens generally show similar disloca- 
tion arrangements after deformation [14 15]. 

Mechanisms of hydrogen-assisted cracking (HAC) 
are not well understood and a number of conflicting 
proposals have been made. Some workers have 
suggested that HAC is associated with the effects of 
dissolved hydrogen on slip - arguing that solute 
hydrogen either inhibits slip thereby favouring 
"decohesion" at crack tips [16] or, conversely, facili- 
tates slip thereby promoting cracking by localized 
plasticity at crack tips [2, 12, 13]. Other workers have 
suggested that HAC is due to weakening of interatomic 
bonds at crack tips by adsorbed hydrogen. Such an 
effect could facilitate either decohesion at crack tips [3] 
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or nucleation of dislocations from crack tips [4], the 
latter promoting fracture by localized plastic flow. 

Liquid-metal embrittlement (LME) is less complex 
than HAC since embrittling atoms do not usually 
diffuse into the solid and, hence, embrittlement can 
generally be attributed to the presence of adsorbed 
liquid-metal atoms at crack tips [17, 18]. LME of 
nickel has received less attention than HAC but 
embrittlement by mercury [4], lithium [19], and 
cadmium-caesium [20] has been reported. Preliminary 
studies by the present author [4] showed that the 
characteristics of fracture in nickel single crystals in 
liquid mercury were similar to those produced by 
fracture in gaseous hydrogen suggesting that mechan- 
isms of LME and HAC may be the same. 

In the present paper, further studies of HAC and 
LME have been made to substantiate and extend the 
preliminary work. Polycrystalline and single crystal 
specimens have been tested in inert environments 
(with and without prior hydrogen charging), gaseous 
hydrogen, liquid mercury, and liquid alkali metals. 
These metals can readily be removed from fracture 
surfaces so that detailed fractographic observations 
can be made. Mechanisms of HAC and LME are 
discussed in the light of these results and of recent 
work by others. 

2. Experimental details 
2.1. Material and heat treatment 
Most specimens were cut from 2.5 mm thick sheets of 
nickel 200 (~99.5Ni,  0.22Fe, 0.19Mn, 0.08Cu, 
0.04C, 0.01 Si, 0.01 S, wt%). Polycrystalline speci- 
mens were annealed at 900 ° C for 1 h, and then slowly 
cooled, producing a grain size __100/~m. "Single- 
crystal" specimens with a wide variety of orientations 
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were prepared by (a) annealing sheet at 1400°C in 
vacuum for 24 h producing grain sizes up to ~ 20 ram, 
(b) cutting specimens from the sheet such that a large 
grain was at the centre of specimens, and (c) cutting a 
central notch on one edge of specimens so that cracks 
initiated and grew across the central grain. 

Some polycrystalline and single-crystal specimens 
were hydrogen-charged by re-annealing at 1000 ° C in 
-- 100 kPa hydrogen gas for 1 h and then quenching 
into water at 0 ° C; this procedure reportedly [1] results 
in a solute hydrogen concentration of -~ 0.045 at %. 

Several single crystal specimens of high-purity 
(>  99.99%) nickel, with a near-(1 1 1 ) specimen axis, 
from a study of HAC by Kamdar [3] were re-examined; 
some of his specimens were also tested in liquid mer- 
cury in the present study. 

2.2. Env i ronmen t s  
Specimens were tested in (a) dry argon, (b) dry hydro- 
gen (~-99.995% purity) at ~ 101 kPa pressure, (c) 
laboratory air, (d) liquid mercury (all at _ 25 ° C), (e) 
liquid lithium at ~-210°C, (f) liquid sodium at 
-~ 120 ° C, (g) liquid potassium at --- 75 ° C, (h) liquid 
rubidium at - 5 0 ° C ,  and (i) liquid caesium at 
-- 40 ° C. The test temperatures in the alkali metals are 
within -~ 30 ° C of their melting temperatures. Tests in 
the liquid alkali metals were carried out at AERE, 
Harwell using their inert atmosphere handling and 
testing facilities [21]. 

2.3. Testing 
Specimens were tested in tension at a crosshead- 
displacement rate of 0.033mmsec -~ or in cantilever 
bending at displacement rates of ~-5°sec ~ and 
-~ 0.0006 ° sec -1 . Tensile specimens, with a 3 m m x  
2.5mm cross-section and a l mm deep notch, were 
used for tests in the liquid alkali metals. Kamdar 's  
single crystal specimens, with a 2mm x 1.4mm 
cross-section and a 0.6mm deep notch were also 
tested in tension. Cantilever-bend specimens, with a 
7ram x 2.5mm cross-section, a l m m  deep notch, 
and a 1 mm deep fatigue pre-crack, were used for 
other tests. 

2.4. Examination of specimens 
Deformation associated with cracking was observed 
on the chemically polished side surfaces of specimens. 
Fracture surfaces were examined by scanning electron 
microscopy (SEM) and transmission electron micro- 
scopy (TEM) of secondary-carbon replicas. Prior to 
examination, mercury was evaporated from fracture 
surfaces at 100°C in vacuum and the alkali metals 
were dissolved in methanol; plastic replicas were also 
stripped from fracture surfaces to remove any remain- 
ing loose deposits. 

Orientations of fracture planes were determined in 
two ways: (i) from the angle between fracture planes 
and single-crystal specimen axes which were established 
from Laue X-ray back-reflection patterns, and (ii) 
from the angles between slip traces on fracture sur- 
faces; the fracture surfaces were sometimes lightly 
chemically polished and then deformed so that four 
sets of slip lines were clearly visible. 

TABLE I Approximate proportions of fracture modes obser- 
ved in different environments 

Li Na Hg H 2 H 

% Intercrystalline 98 10 30 5 25 
% Cleavage-like 2 40 45 75 15 
% Dimpled - 50 25 20 60 

3. Results 
3.1. Fracture in polycrystalline specimens 
In air or argon environments, ductile transcrystalline 
fractures with large, deep dimples on fracture surfaces 
were observed. Small inclusions were often observed 
within the dimples and the sides of dimples were 
covered with slip markings. Ductile fracture was also 
observed after rapid fracture in hydrogen-charged 
specimens, and specimens tested in a caesium, rubid- 
ium, and potassium (Fig. la). 

Embrittlement was observed for (i) slow crack 
growth (6 x 10-Smmsec -1) in hydrogen-charged 
specimens, (ii) crack growth in hydrogen gas (at vel- 
ocities as high as ~- 1 mm sec- 1 ), and (iii) crack growth 
in liquid lithium, liquid sodium, and liquid mercury. 
Embrittlement in lithium was severe but for the other 
environments there was considerable, macroscopic 
plasticity associated with fracture. Fracture surfaces 
exhibited "brittle" intercrystalline regions, transcrys- 
talline cleavage-like regions, and areas of large dimples 
(Figs. lb to f); the proportion of each depended on the 
environment (Table I). 

However, the appearance of both intercrystalline 
and cleavage-like fractures were similar in all cases. 
Intercrystalline fractures were generally covered with 
slip traces, and sometimes by tear ridges or shallow 
dimples (Figs. 2a to d). Cleavage-like fi'actures were 
similar to those observed in single crystals, described 
in detail below. 

3.2. Fracture of single crystals in hydrogen 
gas and mercury 

3.2. 1. General observations 
Rapid crack growth (-- 1 mm sec-' ) in hydrogen and 
mercury environments resulted in a similar degree of 
embrittlement and remarkably similar fracture- 
surface characteristics. For a given crack-opening dis- 
placement, increments of crack growth were about 
three times larger in hydrogen and mercury environ- 
ments than in inert environments. Crack-tip profiles 
produced by fracture in mercury and hydrogen were 
also similar and there was much less blunting at crack 
tips in hydrogen and mercury than in inert environ- 
ments (Fig. 3). 

3.2.2. Deformation associated with fracture 
The extent and distribution of slip around cracks was 
similar for mercury and hydrogen environments with 
slip occurring particularly on planes intersecting the 
crack-tip region. This was most clearly evident around 
fatigue precracks (Figs. 4a and b) since slip associated 
with overload fracture in mercury and hydrogen was 
very intense (Fig. 4c) with lateral contractions of the 
specimen side of up to 50% of the specimen thickness. 
Nevertheless, this slip was less extensive and more 
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Figure 1 SEM of fracture surfaces for nickel polycrystals cracked in (a) liquid potassium, (b) liquid sodium, (c) liquid mercury, (d) liquid 
lithium, (e) gaseous hydrogen, and (f) air at slow strain rates after hydrogen-charging. A ductile dimpled fracture is produced in potassium 
whereas "brittle" intercrystalline (I) and transcrystalline (T) cleavage-like fractures are produced in the other environments. 

localized around crack tips than slip associated with 
crack growth in inert environments. 

3.2.3. Appearance of fracture surfaces 
The fracture-surface appearance depended somewhat  
on the orientation of  specimens but, for a given 
orientation, fractures produced in mercury and hydro- 
gen were identical. This was dramatically illustrated 
by cracking the same specimen first in mercury and 
then, after evaporating the mercury from the crack, in 
hydrogen. The crack was generally closed slightly 
after evaporating the mercury to produce a striation 
on the fracture surface since otherwise it was difficult 
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to distinguish between the regions cracked in mercury 
and hydrogen (Figs. 5 and 6). Fracture surfaces of  
specimens cracked in mercury and then, after evapor- 
ating the mercury, in air, showed an abrupt  change 
from a brittle to a ductile fracture mode. Thus, there 
was no doubt  that mercury was completely removed 
by the evaporation procedure. 

Fracture surfaces exhibited river lines, serrated 
steps, tear ridges, slip lines, secondary cracks, and 
dimples. The appearance of  opposite fracture surfaces 
often differed significantly, with one surface exhibiting 
more secondary cracking and slip lines than the other 
(Fig. 7). Since the slip lines on one fracture surface 



Figure 2 SEM of intercrystalline fracture surfaces produced by crack growth in (a and b) liquid mercury, and (c and d) hydrogen-charged 
specimen, at a higher magnification showing dimpled facets (a and c) and relatively smooth facets except for slip lines (b and d). 

were not generally matched by slip lines on the other 
surface, they are not crack-arrest markings but are 
probably produced by slip behind the crack tip. 

Isolated dimples on fracture surfaces were quite 
large and were associated with voids nucleated from 
cracked inclusions (Fig. 7). The three-pronged tear 
ridges, which "point" in the direction of crack growth, 
probably result when cracks intersect voids since 
particles and dimples were sometimes visible just in 
front of tear ridges (Fig. 8)*. There were also many, 
small, shallow dimples which were revealed by TEM 
but not by SEM (Fig. 9). 

Examination of specimens of high-purity nickel 

cracked in hydrogen gas by Kamdar [3] and com- 
parison of these specimens with high-purity specimens 
cracked in mercury in the present work also showed 
that the characteristics of fracture in mercury and 
hydrogen were similar (Figs. 10, 11). These fracture 
surfaces were also similar to fracture surfaces in the 
99.5% purity nickel described above except that large 
dimples were not observed in the purer material. 

3.3. Crack growth in hydrogen-charged 
single crystals 

Fracture surfaces of both hydrogen-charged and 
uncharged specimens exhibited stretched zones and 

Figure 3 Optical micrographs of sections through single crystal specimens fatigue precracked and then cracked in (a) mercury, (b) gaseous 
hydrogen, and (c) argon showing the extent of crack growth, Aa, for a given crack-opening displacement, COD. 

* It has also been suggested [5] that the tear ridges are formed by necking of ligaments of material left behind the main crack front. However, 
it is not clear why such ligaments should be formed in essentially homogeneous single crystals. 
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Figure 4 Optical micrographs showing slip on the side surface of single crystal specimens (a) fatigue precracked in mercury, (b) fatigue 
precracked in gaseous hydrogen, and (c) cracked by increasing the COD in mercury. 

Figure 5 (a) SEM of fracture surface of a near ( 1 1 1 ) single crystal produced by crack growth in mercury and then hydrogen (see text). (b 
and c) SEM of regions produced by fracture in mercury and hydrogen, respectively, at a higher magnification showing serrated steps, tear 
ridges, dimples, and slip lines. 

6 9 6  



Figure 6 SEM of fracture surface of a near (1 0 0)  single crystal produced by crack growth in mercury and then hydrogen. The fracture~ 
surface appearance differs somewhat from the near (1 1 1) orientation (see Fig. 5) but, as for the near (1 1 1) crystal, the appearance 
produced by crack growth in mercury and hydrogen is identical. 

large dimples around the tips of fatigue precracks, i.e. 
there was no evidence of embrittlement (Fig. 12). 
(Specimens were hydrogen-charged prior to fatigue 
and there was also no effect of hydrogen-charging on 
the appearance and spacing of fatigue striations). 
However, brittle areas were observed around some 
large dimples further ahead of fatigue pre-cracks in 
hydrogen-charged specimens fractured slowly 
(~-6 x 10 5mmsec-~) (Fig. 13). These brittle areas 
were similar to those produced in specimens cracked 
in gaseous hydrogen. 

3.4. Orientation of "brittle" fracture planes 
Laue X-ray back-reflection photographs from frac- 
ture surfaces showed only a few extremely diffuse 
spots confirming that strains beneath fracture surfaces 
were high. Orientations of fracture surfaces (on a 
macroscopic scale) were therefore determined from 
the angle between the specimen axis and the fracture 
plane, and from the angles between slip traces on 
fracture surfaces. 

For specimens with a near-(1 0 0) orientation, four 
sets of slip lines on fracture surfaces formed an 

Figure 7 SEM of  mating halves of opposite fracture surfaces produced by crack growth in gaseous hydrogen (same specimen as in Fig. 6) 
showing dimples (A), tear ridges (B), and numerous slip lines (small arrows) on one fracture surface but not the other. 
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Figure 8 SEM of fracture surface of nickel single crystal produced 
in hydrogen showing small dimples (arrowed) associated with tear 
ridges. 

approximate orthogonal network showing that frac- 
ture planes were close to a { 1 0 0} plane. Crack fronts 
were generally parallel to slip lines showing that crack 
growth occurred in (1 1 0) directions. Crack growth 
sometimes occurred in different (1 1 0)  directions in 
adjacent regions so that crack fronts were at right 
angles to each other (Fig. 13). Vehoff and Rothe [5] 
also found { 10 0} (1 1 0) fractures for HAC in (1 00)  
nickel single crystals. 

For specimen orientations such that { 10 0} planes 
were at large angles (> -~ 30 °) to the specimen axis, 
fracture surfaces were highly stepped with adjacent 
areas often at quite large angles to each other. Some 
areas exhibited approximate orthogonal networks of 
slip lines indicating near-{100} fracture planes but 
angles between slip lines in other areas showed that 
local deviations of up to 25 ° from {1 00} planes 
occurred. In some areas, there were coarse, closely 
spaced slip bands on fracture surfaces (Fig. 7b) and 
such slip, which probably occurred behind the crack 

Figure 9 TEM of fracture surface of nickel single crystal produced 
in hydrogen showing numerous small, shallow dimples (arrowed) 
and slip lines. 
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tip, would produce a significant rotation of the general 
fracture plane towards a {1 1 1} plane. 

Kamdar [3] reported a {1 1 3} fracture plane (25 ° 
from { 1 0 0}) for HAC in near-(1 1 1) orientation speci- 
mens. Examination of these specimens and his speci- 
mens tested in mercury showed that the fractures were 
stepped with different areas tilted with respect to each 
other, as discussed above. Thus, the {1 1 3} fracture 
plane reported by Kamdar probably represents the 
approximate average fracture plane. 

Eastman et al. [2, 13] reported a {1 1 1} fracture 
plane Ior HAC of bulk specimens with a (2 2 1) 
specimen axis. HAC in thin foils observed by high- 
voltage TEM also occurred on {1 1 1} planes. The 
occurrence of { 1 1 1 } fractures in thin foils is not sur- 
prising since fracture occurs under plane-stress con- 
ditions but the reason why { 1 1 1 } fracture planes were 
observed in the bulk (2 2 1) specimens but have not 
been observed in the present and other studies is not 
understood. 

4. Discussion 
4.1. Material-environment interactions 
4. 1.1. Liquid-metal environments 
The mutual solubilities of nickel with mercury, lithium 
and sodium at the respective test temperatures are 
very small [22, 23] and, hence, reactions other than 
adsorption probably do not have time to occur during 
rapid cracking. This reasoning is generally accepted 
and many cases of LME have been attributed to 
adsorption in the past [17, 18]. Furthermore, pre- 
exposure of many metals to liquid-metal environ- 
ments to allow time for diffusion or compound forma- 
tion to occur does not produce embrittlement during 
subsequent testing in inert environments. There are, 
however, exceptions, e.g. A1-Ga [24], Ni-Bi  [25], 
where LME is associated with diffusion of embrittling 
atoms into specimens along grain boundaries. 

For adsorption-induced LME, it is not understood 
why some liquid metals are embrittling while others 
are apparently not embrittling. Various suggestions 
have been made, e.g. embrittlement couples should 
have low mutual solubilities, should not form high- 
melting point compounds, and should have small dif- 
ferences in electronegativity [17, 18]. For embrittle- 
ment of nickel by mercury, lithium and sodium, the 
first two conditions are satisfied but differences in 
(Pauling) electronegativity do not appear to be 
important. (Electronegativities of nickel, mercury, 
lithium and sodium are 1.8, 1.9, 1.0 and 0.9, respect- 
ively.) There does not appear to be any data on the 
mutual solubilities of nickel in potassium, rubidium 
and caesium, and it is not clear why these alkali metals 
do not also cause embrittlement. It is also not under- 
stood why lithium is a more potent embrittler than 
sodium or mercury. Presumably, differences in 
adsorption kinetics and the extent to which electron 
density (interatomic bonding) is affected by adsorp- 
tion are involved. Quantum mechanical cluster cal- 
culations, as have been applied to temper embrittle- 
ment [26], could possibly throw some light on this 
problem. 

For intercrystalline LME. the liquid-metal/solid 



Figure 10 SEM showing macroscopic view of fracture surfaces of Kamdar's single crystal specimens produced by tensile tests in (a) hydrogen 
gas (73 kPa, 20 ° C), and (b) liquid mercury. 

metal interactions are generally complicated by the 
presence of  segregated impurity elements at grain 
boundaries. Segregated impurities probably not only 
influence adsorption but probably also affect the 
strength of  interatomic bonds. For  example, segrega- 
tion of  sulphur at grain boundaries in nickel facilitates 
intercrystaUine fracture in inert environments and 
exacerbates HAC [2]. On the other hand, segregation 
of  phosphorus in nickel-copper  alloys decreases the 
degree of  embrittlement by both hydrogen and 
mercury [27]. However, grain-boundary segregation 
was not examined in the present work. 

4. 1.2. Gaseous hydrogen environments  
Hydrogen molecules dissociate on clean nickel sur- 
faces and, hence, adsorbed hydrogen atoms should be 
present at crack tips. Adsorbed hydrogen could then 
diffuse or be transported by dislocations ahead of  
crack tips. Thus, HAC could be due to the presence of  
adsorbed or dissolved hydrogen (or both). Nickel 
hydride forms only at hydrogen pressures greater than 
-~ l GPa  or during severe cathodic charging [2] and, 
hence, should not be involved for the present tests. 

The remarkable similarities between HAC and 
LME suggest that adsorbed hydrogen could be 
responsible for HAC. Different fracture mechanisms 

can sometimes produce superficially similar fracture- 
surface appearances but, for nickel single crystals, the 
fine details on fracture surfaces, the fracture plane, the 
direction of  crack growth, and the extent and distribu- 
tion of  slip around crack tips were the same after 
cracking in mercury and hydrogen. Furthermore, the 
appearance of  fractures was somewhat different for 
different crystal orientations but was the same for 
hydrogen and mercury environments for each orient- 
ation. Thus, it is highly probable that the mechanisms 
of HAC and LME are the same. 

The observation that HAC can occur at crack ve[o- 
cities as high as -~ 1 mmsec -I also suggests that 
adsorbed hydrogen is responsible since rates of dif- 
fusion are too slow for hydrogen to diffuse ahead of  
cracks. Taking the diffusion coefficient, D, of 
hydrogen in nickel as 10-~4 m s sec-1 [28], the diffusion 
distance [~-4(Dt) ~/2] for t - 10-6sec (the time for a 
crack-growth increment of  several atomic distances 
for a crack velocity - 1 mm sec ~) is about one atomic 
distance. Hydrogen could be transported rapidly by 
dislocations providing that dislocation velocities are 
below a critical value [28]. However, it is doubtful if 
adsorbed hydrogen would be transported into speci- 
mens during fast crack growth since dislocation velo- 
cities around crack tips are probably very high. For  

Figure 11 SEM of fracture surfaces near notch shown in Fig. 10, at a higher magnification showing slip lines, steps, and tear ridges. 
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Figure 12 SEM of fracture surface of hydrogen-charged nickel single crystal showing "ductile" striations produced by fatigue precracking, 
and a stretched zone and large deep dimples produced by overload at slow strain rate, i.e. no evidence of embrittlement. 

Figure 13 SEM (stereographic pairs) of 
mating halves of opposite fracture surfaces 
for the same hydrogen-charged nickel 
single crystal as in Fig. 12 showing 
"brittle" regions around a large dimple 
some distance ahead of the fatigue pre- 
crack. 
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single crystals, even if such transport did occur, 
hydrogen would be transported along {1 1 1} planes 
inclined at ---54 ° to {100} crack planes unless 
hydrogen was subsequently transferred to dislocations 
moving towards the crack tip on other slip planes. 

Kamdar [3] found that the degree of embrittlement 
and fracture-surface characteristics of nickel single 
crystals in gaseous hydrogen were not affected by the 
testing temperature over the range - 130 to + 20 ° C. 
These observations are a further indication that 
adsorbed hydrogen is responsible for HAC since the 
rates of diffusion and the solute hydrogen concentra- 
tion would vary markedly over this temperature range 
whereas adsorption kinetics are probably less sensitive 
to temperature. Furthermore, HAC probably occurs 
by slip (as discussed later) and the effects of dissolved 
hydrogen on dislocation activity are different at dif- 
ferent temperatures [1, 2]. 

atomically brittle fracture can occur in normally duc- 
tile materials because adsorption lowers the stress 
required for decohesion to a level below that required 
for slip on planes intersecting crack tips. 

Decohesion should produce atomically sharp crack 
tips and essentially flat fracture surfaces. Some slip 
may accompany decohesion providing strains are very 
low and dislocations do not generally intersect crack 
tips. Such characteristics are observed for cleavage 
fracture of intrinsically brittle materials such as zinc 
single crystals. Furthermore, the stress required for 
cleavage in zinc is ~- 40% lower in liquid mercury than 
in air showing that adsorption can facilitate 
decohesion [32]. However, the characteristics of 
cleavage-like fractures produced by HAC and LME in 
nickel are entirely different from those produced by 
cleavage in zinc and slip processes are clearly involved 
during HAC and LME in nickel. 

4. 1.3. Hydrogen-charged specimens 
Crack growth from the tip of a fatigue crack in single 
crystals containing ~- 0.045 at % solute hydrogen was 
initially ductile, even at low crack velocities when 
hydrogen would have time to diffuse and concentrate 
ahead of cracks. Other workers [7] have also found 
that hydrogen-charged single crystals are completely 
ductile. These observations, taken with the other 
observations discussed above, show that there can be 
little doubt that adsorbed hydrogen rather than dis- 
solved hydrogen is responsible for HAC. 

The areas of "brittle" cracking around some large 
dimples some distance ahead of fatigue pre-cracks in 
hydrogen-charged single crystals can be readily 
explained in terms of adsorbed hydrogen. Thus, large 
voids probably contain gaseous hydrogen, with 
adsorbed hydrogen at void tips, since solute hydrogen 
probably diffuses or is transported by dislocations to 
voids during slow crack growth. Only particularly 
large dimples were surrounded by "brittle" areas sug- 
gesting that voids must reach a certain size before 
sufficient hydrogen accumulates within them to 
produce HAC. Work-hardening around voids prob- 
ably also increases the material's susceptibility to 
HAC. 

For hydrogen-charged polycrystals, the areas of 
cleavage-like cracking and "brittle" intercrystalline 
cracking are probably also associated with diffusion of 
hydrogen to, and adsorption at, the tips of internal 
voids/cracks. However, for intercrystalline HAC there 
may be sufficient atomic hydrogen trapped at grain 
boundaries that interatomic bonds at advancing crack 
tips are always associated with hydrogen. This is 
assuming that the fracture path exactly follows the 
grain boundary and not a path close to the boundary 
as some recent observations suggest [29]. 

4.2. Possible mechanisms of 
adsorption-assisted cracking 

4.2.1, Decohesion at crack tips 
The traditional view is that adsorption facilitates ten- 
sile separation of atoms ("decohesion") at crack tips 
but does not directly influence dislocation activity 
around cracks [30, 31]. Thus, it is envisaged that 

4.2.2, Decohesion plus slip at crack tips 
Crack growth involving repeated sequences of 
adsorption-induced decohesion and then alternate- 
slip on planes intersecting crack tips could possibly 
produce cleavage-like fractures associated with con- 
siderable slip. Alternate slip at crack tips could be 
necessary to open the crack to allow subsequent 
adsorption and decohesion [331. However, the obser- 
vations of LME in zinc single crystals mentioned 
above suggest that adsorption can keep up with 
rapidly growing atomically sharp crack tips. Further- 
more, an analysis [34] has shown that equal amounts 
of slip on either side of the crack, as observed, should 
not favour subsequent decohesion. Thus, there is not 
an obvious reason why sequences of slip and deco- 
hesion should occur at crack tips. 

It has also been suggested [35] that atomically sharp 
crack tips produced by decohesion could be 
broadened on a macroscopic scale by inhomogeneous 
slip behind crack tips. Coarse slip bands are observed 
on cleavage-like and intercrystalline fractures in nickel 
suggesting that cracks are broadened by such an 
effect. However, crack tips in nickel are unlikely to be 
atomically sharp since such high strains are observed 
around cracks, crack fronts are parallel to the line of 
intersection of slip planes with crack planes, and 
dimples are observed on fracture surfaces. In other 
words, the evidence suggests that HAC and LME in 
nickel occurs entirely by localized plastic flow and that 
decohesion is not involved. 

4,2.3. Localized slip at crack tips 
There is now growing recognition [4, 18, 26, 36] that 
adsorption-induced weakening of interatomic bonds 
at crack tips must not only reduce the stress required 
for tensile separation of atoms but must also reduce 
the stress necessary for shear movement of atoms 
(dislocation nucleation) at crack tips. The preliminary 
work on HAC and LME in nickel [4], observations of 
HAC and LME in other intrinsically ductile materials 
[37-39], and the present observations are all consis- 
tent with the idea that adsorption facilitates nucle- 
ation of dislocations at crack tips. Specifically, it has 
been proposed [4, 37-39] that ingress of dislocations 
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Figure I4 Schematic diagram illustrating dislocation activity 
around crack tips during ductile and "brittle" crack growth: (A) 
dislocations producing crack advance, e.g. those nucleated at the 
crack tip, (B) dislocations producing blunting, e.g. those egressing 
behind the crack tip, (C) dislocations involved in nucleation and 
growth of voids, (D) dislocations in plastic zone away from crack- 
tip region. For HAC/LME, adsorption facilitates dislocation nucle- 
ation at crack tips so that A predominates. For ductile fracture, 
dislocation nucleation at crack tips is difficult and, hence, other 
dislocation activity predominates. 

from crack tips produces crack growth and thereby 
promotes the coalescence of cracks with voids ahead 
of cracks (Fig. 14). The growth of voids is not directly 
influenced by adsorption but is necessary to re-sharpen 
crack tips so that crack growth is macroscopically 
brittle. 

A basic premise of the proposed adsorption- 
induced dislocation-nucleation mechanism of HAC/ 
LME is that dislocation nucleation in inert or air 
environments is difficult so that ductile crack growth 
occurs predominantly by egress of dislocations at 
crack tips. Only a small proportion of dislocations 
nucleated from near-crack-tip sources would egress 
exactly at crack tips to produce crack growth - most 
dislocations would either egress behind the crack tip 
or remain ahead of cracks to produce blunting and 
large strains at crack tips. Facilitating dislocation 
nucleation from crack tips can then increase the 
proportion of dislocations producing crack advance 
and thereby reduce the strains necessary for crack 
growth, i.e. produce embrittlement. 

Crack growth by adsorption-induced ingress of dis- 
locations from crack tips involves approximately 
equal amounts of slip on two { 1 1 1 } slip planes inter- 
secting crack tips since, if more dislocations were 
emitted on one side of the crack than the other, then 
a larger back stress on subsequent dislocations 
emitted from the crack would build up on the more 
active side and inhibit further emission. Thus, the 
macroscopic fracture plane bisects the angle between 
the two slip planes and crack fronts are parallel to the 
line of intersection of slip planes with crack planes, i.e. 
{100} fractures with (1 1 0) growth directions are 
produced. Deviations from {1 00} fracture planes, 
which occur especially when { 1 0 0} planes are steeply 
inclined to the stress axis, probably arise because slip 
planes on one side of the crack are then so much more 
highly stressed than those on the other side that slip 
occurs preferentially on one side of the crack. 
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4.3. Effects of adsorption on surfaces 
There are no direct experimental techniques for deter- 
mining the strength of interatomic bonds at crack tips 
but there are some interesting observations and 
theoretical calculations which are possibly relevant to 
understanding HAC and LME. 

Observations of surfaces by low-energy electron 
diffraction (LEED) [40,41] and other techniques have 
shown that, for some clean metal surfaces, there are 
significant changes of lattice parameter normal to the 
surface for the first one or two atomic layers. LEED 
observations show that adsorption of oxygen on many 
metal surfaces produces disruption of the surface lat- 
tice with incorporation of oxygen atoms into the top- 
most layer of substrate atoms, i.e. an incipient oxide 
film is formed [40]. Thus, crack growth in both air/ 
oxygen and inert environments is ductile possibly 
because oxide films and clean-surface perturbations, 
respectively, inhibit dislocation nucleation [42] so that 
crack growth occurs by egress of dislocations at crack 
tips. On the other hand, weak chemisorption of some 
species can remove or reduce the clean-surface lattice 
perturbations or, occasionally, produce a reconstruc- 
tion of the surface [40]. Such effects could possibly be 
involved in facilitating the nucleation of dislocations. 

Atomistic calculations of fracture in the presence of 
hydrogen using an "embedded atom method" [43, 44] 
suggest that hydrogen can weaken interatomic bonds 
so that decohesion or dislocation nucleation at crack 
tips occurs at lower stresses than in inert environ- 
ments. Quantum mechanical cluster calculations have 
also shown that the presence of impurity atoms can 
decrease the electron density (and possibly the 
strength of interatomic bonds) between atoms [26]. 
Cluster calculations for adsorbed hydrogen on beryl- 
lium suggested that high tensile stresses could be 
induced in the surface layers by adsorption thereby 
facilitating dislocation nucleation [45]. Computer 
modelling of crack-tip behaviour [46, 47] also suggests 
that dislocation nucleation is sensitive to changes of 
lattice parameter in the first few surface atomic layers. 

Direct experimental evidence that adsorption influ- 
ences dislocation activity is difficult to obtain since the 
mechanical properties of specimens with small surface/ 
volume ratios would not be expected to be sensitive to 
adsorption. Observed effects of environment on plasti- 
city in thin foils could be due to adsorption but other 
effects cannot be ruled out. For example, observations 
[13] that dislocation activity in nickel foils is increased 
when gaseous hydrogen is introduced could be due to 
adsorbed or solute hydrogen or possibly reduction of 
oxide films. Field-ion microscopy observations [48] of 
iron surfaces in hydrogen environments suggested that 
adsorbed hydrogen could facilitate nucleation of dis- 
locations but again other effects could be involved, 

Video-tape recordings of crack growth in thin foils 
of a number of materials including nickel using 
HVEM [49, 50] directly show that crack growth 
occurs by plastic flow and sometimes involves forma- 
tion of small voids ahead of cracks in both inert and 
hydrogen environments. Furthermore, the stress 
necessary to cause the plasticity which leads to frac- 
ture is reduced in hydrogen and the plasticity is more 



localized near the crack tip in hydrogen than in inert 
environments. These observations, which are entirely 
consistent with the present observations in bulk speci- 
mens, were explained in terms of a localized softening 
of material around crack tips due to interactions of 
dislocations with solute hydrogen. However, soften- 
ing is only observed under certain conditions whereas 
HAC occurs under many conditions, including those 
where serrated yielding and hardening have been 
observed. These and the present observations suggest 
that HAC can best be explained on the basis that 
adsorbed hydrogen facilitates the nucleation of dis- 
locations at crack tips. 

5. Conclusions 
1. Hydrogen-assisted cracking-in nickel single 

crystals is caused by adsorbed hydrogen rather than 
by dissolved hydrogen. This conclusion is based 
mainly on observations that 

(a) the characteristics of ttAC were remarkably 
similar to those of adsorption-induced LME. 

(b) HAC could occur at crack velocities as high 
as ~_ 1 mmsec -~, and 

(c) solute hydrogen introduced by hydrogen- 
charging does not produce embrittlement. 

2. Hydrogen-assisted cracking in nickel single 
crystals occurs by localized plastic flow rather than by 
decohesion. This conclusion is based on observations 
that 

(a) crack growth was associated with large 
strains (large crack-opening angles) with 
extensive slip on {1 1 1} planes intersecting 
near-{ 1 0 0} cracks, 

(b) crack fronts were parallel to the line of inter- 
section of slip planes with crack planes, and 

(c) fracture surfaces were covered with dimples 
and tear ridges. 

3. Hydrogen-assisted intercrystalline cracking in 
nickel polycrystals is also similar to adsorption- 
induced intercrystalline LME and is associated with 
large strains and, hence, mechanisms of intercrystal- 
line and transcrystalline fracture are probably similar. 

4. It is concluded that adsorption facilitates nucle- 
ation of dislocations at crack tips, and thereby pro- 
motes coalescence of cracks with voids, whereas in 
inert environments crack growth occurs predomi- 
nantiy by egress of dislocations at crack tips. 
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